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ABSTRACT

THE MECHANISM OF BRITTLE FRACTURE IN CNSMN GRADE
SUPERAUSTENITIC STAINLESS STEEL

Bagkan, Mertcan
M.S., Department of Metallurgical and Materials Engineering

Supervisor: Assoc. Prof. Dr. Yunus Eren Kalay

February 2015, 91 Pages

Steel is one of the most widely used materials in almost every major engineering
application. Their uses extend from the large constructions in the capitals to the small
kitchenware products in houses. Steel has been known since the ancient times, and the
properties of steel have been enhanced for hundreds of years by the help of the
improvements in metallurgy and material science. Steel has been almost at the center
to the discovery-based development of new alloys with notable properties. The steel
family has been still growing with the innovations in compositions, heat-treatments

and production techniques.

Attributed primarily to its remarkable deteriorative properties, CN3MN, is one of the
significant Super Austenitic Stainless Steel (SSS), which is a subclass of austenitic
stainless steels. Main application areas of CN3MN are marine constructions and oil
wells due to their excellent corrosion resistance and superior toughness. However,
according to the results of recent time temperature transformation (TTT) diagrams,
incorrect heat-treatments for as short as 15 minutes causes fracture toughness of the
alloy to decrease by 50% as embrittlement occurs. Wrought steel pieces are typically

smaller in size and can be heat-treated and cooled rapidly in order to avoid
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embrittlement. However, in the case of cast superaustenitic stainless steel, cooling rate

is much slower so the regions suffered from such embrittlement is extended.

The focus of this study is to understand the mechanisms of the embrittlement problem
after annealing heat-treatments for very short times i.e. 30 seconds to 16 minutes at
927°C. The fracture surfaces were investigated by using scanning electron microscope
(SEM). Failure analysis results showed a ductile to brittle failure transition for
relatively short annealing times. The first reason for embrittlement was defined as the
precipitates formed at the grain boundaries. Since the intermetallic precipitates are
very brittle, they deteriorate the mechanical properties when the brittle network is
formed on the grain boundaries. Average precipitate size in 30-second annealed
specimen was found to be about 400 nm with a high number density. The crystal
structure of the precipitates formed in short-term annealing could not be matched with
previously determined secondary phases in austenitic stainless steel. The kinetics of
the nucleation and growth was determined to be very sluggish in the previous studies.
In this study, it is shown that the newly determined precipitates have relatively high
nucleation rates. This is related to inhomogenous distribution of Mo after the

homogenization. These Mo-rich regions are thought to trigger a rapid precipitation.

Second mechanism observed in CN3MN is transgranular embrittlement. The heat-
treated specimens contained some cracks with zigzag pattern. Close observation of
such defects revealed stacking-fault type imperfections, which lead to step-like
cracking observed in micron-length scales. The reason of having such faulted regions
was connected to having low stacking fault energy. Stacking fault energy of austenite
phase in CN3MN was calculated to be between 12-30 mJ/m? which is quite low for a
metallic alloy. Another implication for low SFE was the dislocation distribution. Low
SFE promotes entangled dislocation structure instead of subgrain formation, which
limits the dislocation motion. The low SFE suppress the crosslinking and climb
processes, which are the most active phenomena to maintain dislocation motion. The
stacking-fault observed in austenitic matrix changes the FCC by HCP sequence within
the defected nano-metric regions. Therefore, the vast majority of transgranular cracks
were formed within the brittle HCP-sites resulting into catastrophic transgranular

fracture.

Keywords: Stainless steel, CN3MN, Electron microscopy, Defects, Intermetallics
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CN3MN SUPEROSTENITLI PASLANMAZ CELIKLERDE GEVREK
KIRILMA MEKANIZMALARI

Baskan, Mertcan
Yiiksek Lisans, Metalurji ve Malzeme Miihendisligi Boliimii

Tez Yoneticisi: Dog. Dr. Yunus Eren KALAY

Subat 2015, 91 Sayfa

Celik cok biiyiik yapilardan evlerdeki kii¢iik mutfak malzemelerine kadar hayatin her
alaninda en yaygin olarak kullanilan malzeme firlinlerinden biridir Bununla birlikte,
bilinen eski malzemelerden biri olmakla beraber, metalurji ve malzeme bilimindeki
gelismelere bagli olarak ylizyillardir kendi 6zelliklerini gelistirmektedir. Celik her
zaman i¢in Ustiin 6zellikler gdsteren malzeme kesiflerinin merkezinde bulunmustur.
Celik ailesi kompozisyon, 1sil-islem ve tiretim 6zelliklerin gelismesi ile her gegen giin

daha da biiytimektedir.

CN3MN, siiperostenitli paslanmaz gelikler, {istiin korozyon direngleri ile Ostenitik
paslanmaz ¢elik ailesinin bir alt grubunu olusturmaktadir. Uygulama alanlar1 genel
olarak, diger paslanmaz ¢elik alagimlarinin korozyona ugrayacag: deniz ve deniz alt1
yapilar1 ve petrol kuyular1 gibi hem mekanik 6zelliklerin hem de korozyon dayancinin
cok 1y1 olmas1 gereken uygulamalar1 kapsamaktadir. Ancak, dncesinde bu alasimda
¢oziilmesi gereken ciddi bir sorun vardir. Bu alasimlar, 15 dakika gibi kisa siireli 1s1l
islemlere maruz kaldigi zaman tokluk dayancini yar1 yariya kaybetmekte ve gevrek
kirilma karakteristigi gostermektedir. D&vme c¢elik alasimlar genelikle kiigiik
boyutlarda olduklar i¢in bu tiir kirilma davranis1 gostermemektedirler. Buna karsin
dokiimle iiretilen siiperdstenitik paslanmaz celiklerde, soguma hizi ¢ok yavas ve

homojen olmadig1 i¢in bazi1 bolgelerde bu kirilma tiirline rastlanilmaktadir. Bu sebeple,
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kirilma mekanizmalar1 ¢ok iyi anlasilarak bu sekilde kirilmayr 6nleyecek tedbirler

alinmalidir.

Bu calismanin amaci, 927°C de 30 saniye ile 16 dakika arasindaki kisa siireli,
uygulanan 1s1l islemlerden sonra goézlemlenen gevreklesme mekanizmalarinin
belirlenmesidir. Bunun i¢in, dncelikle, 1s1l islem géren numuneler sadece homojenize
edilen numuneler ile mikroyapisal olarak taramali elektron mikroskobu ile
karsilastirilmislardir. Bu kiyaslamalardan ¢ikan sonuglardan, kirilmanin tane sinirlari
boyunca olusan c¢okeltiler olabilecegi diisiintilmiistiir. Bu c¢okeltiler daha oOnce
literatiirde siklikla incelenen ikincil fazlardan (Laves, sigma, chi) farkli olduklar tespit
edilmistir. Metalleraras1 bilesikler genel olarak gevrek davramis gosterdiklerinden
dolay1, tane sinirlarinda cekirdeklenip biiylidiikleri zaman malzemenin dayancini
disiiriirler. Gergeklestirilen analizlere gore, 30 saniye 1s1l islem gérmiis numunedeki
cokelti bliylikliigii ortalama 400 nm ve birim alandaki ¢okelti sayis1 ¢cok yiiksektir.
Onceki ¢alismalarda bu cokeltilerin olusma kinetiklerinin ¢ok yavas oldugunun
belirlenmesine ragmen, bu calismada tespit edilen ¢okeltilerin hizli kinetiklere sahip
olmasmin sebebi numunenin alasim elementleri agisindan homojen olmamasidir.
Ozellikle molibdenum numune boyunca homojen olarak dagilmamis ve bu elementce

zengin olan bolgeler ¢okeltiler igin tetikleyici olarak davranmustir.

Gozlemlenen ikinci mekanizma kristalografik hatalar sonucu olusan tane ici
gevreklesmedir. Isil islem gormiis numunelerde zigzag seklinde catlaklar
belirlenmistir. Bu ¢atlaklarin HRTEM ile incelenmeleri sonucunda o bdlgelerde nano
boyutlarda dizilim hatalarina rastlanilmistir. Bu hatalarin olusma sebebinin alagimin
sahip oldugu diisiik dizilim hatasi enerjisi oldugu tespit edilmistir. CN3MN igin
dizilim hatas1 enerjisi 12-30 mJ/m? olarak hesaplanmustir. Ayrica, birbiriyle i¢ ice
gecmis dislokasyon dagilimi da bu malzemedeki dizilim hatasi enerjisinin diisiik
oldugunu desteklemektedir. Dizilim hata enerjisinin diisiik olmas1 FCC yap1 igerisinde
kayma sistem sayis1 sinirlt kirilgan HCP dizilimlerin olusmasina yol agmaktadir. Bu
sebeple kirilmanin biiyiik bir boliimii, HCP dizilim boyunca tane iginde
gerceklesmektedir.

Anahtar kelimeler: Paslanmaz celik, CN3MN, Elektron mikroskobu, Kristal hatalari,

Metallerarasi bilesikler
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CHAPTER 1

INTRODUCTION

The main role of a metallurgical and materials engineer is to tailor the material
properties in order to get best performance for a specific engineering application. In
addition to performance related properties, the selected engineering material is
expected to exist in bulk quantities with reasonable production costs. Steel, which can
be simply named as iron—carbon alloy with considerable amount of some other
alloying elements, satisfies these conditions better than any other engineering
materials. The main constitute of steel, iron, is one of the most abundant element in
Earth’s crust. This makes the cost of steel alloys being reasonable as compared to other
alloy systems. Additional alloying elements, heat-treatment procedures and shaping
processes may provide cutting edge properties to the steels. Consequently, steel has

been accepted to be the most important engineering material for centuries [1].

2012 2011

Rank | Tonnage | Rank | Tonnage

China 1 716.5 1 702.0

1500 Japan 2 1072 2 107.6

USA 87.2 3 86.4

India

3
1 73.5

Russia 5 70.4 5 68.9
6

South Korea 69.1 6 68.5

Germany 7 12.7 7 443

Turkey 8 359 8 341

1000 Brazil 9 345 9
Ukraine 10 33.0 10
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Figure 1.1 Graph showing the world steel consumption between 1970 and 2012. The
table summarizes the total steel production of various countries in 2011 and 2012.



The world steel consumption can be seen in Figure 1.1. The sharp increase in steel
consumption after early 2000s reveals that despite the progression in the smart and
nano materials technology, steels keep their unique importance .The inset table in
Figure 1.1 lists the total steel production of various countries in decreasing order.
The top steel producer countries are China Japan and USA. Turkey has ranked as 8™
on this list.

Primarily attributed to its broad and easy manageable properties, steel products have a
very extensive area of applications. One can come across a steel product from
submarine constructions to the skyscraper trusses or from kitchen appliances to cutting
tools. Surely, the motivation of using these products may completely differ from each
other. For instance, the main intention of using steel as a cutting tool is the hardness;

on the other hand corrosion resistance is the motivation of using steel in salty water.

One major drawback of all steels used in various applications is rusting, the formation
of iron hydroxide (Fe(OH)z3) layer on the surface, when they are exposed to a corrosive
environment like vapor or liquid solutions. This problem was partially solved by the
invention of stainless steels for which 10.5% Cr element was added as an alloying
element. This additional Cr results in a formation of very thin and coherent layer of
stable chromium oxide, which hinders the contact between the steel and the corrosive
environment. Stainless steels can be divided into 3 groups with respect to the stable
matrix phase formed at room temperature. These are namely as ferritic stainless steels,
martensitic stainless steels and austenitic stainless steels. There are also duplex
stainless steels, a subclass of stainless steels which contain both ferrite and austenite
as stable phase. Ferritic stainless steels are mainly low alloyed and low carbon stainless
steels which have good ductility and formability. They are the cheapest stainless steel
subgroup and mainly used for low quality kitchen appliances and exhaust systems.
Martensitic stainless steels contain extra carbon to facilitate the martensitic phase
transformation. They are usually chosen for their good hardness and wear resistance
combined with high strength. Austenitic stainless steels contain nickel to stabilize
austenite at room temperature. They are mainly used for high quality kitchen wares,
piping systems and seawater applications. Although they are more expensive to
produce, they exhibit the best corrosion resistance performance with respect to other
steel type counterparts. Detailed information about the stainless steels can be found in
the third chapter.



CN3MN Grade Super Austenitic Stainless Steel (SSS), which belongs to austenitic
stainless steel class, is a special kind of high alloyed steel, used for mainly seawater
and piping systems due to their exceptional corrosion resistance with good mechanical
performance for both low and high temperature applications. As similar to other high
alloyed steels, problem arises because of the precipitates formed along grain
boundaries. The precipitates may cause to form a brittle network on the grain
boundaries and results in embrittlement through an intergranular fracture mechanism.
The mechanism of this embrittlement has been examined by many studies and different
kind of precipitates has been characterized in details. On the hand, the fracture
mechanisms where the precipitation is limited and the failure is mainly controlled by
transgranular fracture, has not been clearly understood. It definitely requires further

attention and detailed examination.

In this respect, the main purpose of this study is to investigate the failure mechanism
for a CN3MN grade SSS upon short-term heat-treatment procedures. The relatively
short annealing durations result in a formation of precipitates along the grain
boundaries. Therefore, the main embrittlement is driven via transgranular fracture
mechanism Homogenized and heat-treated samples, with different annealing times
changing from 0 minute to 16 hours, were subjected to a detailed microstructural and

structural characterization. The thesis plan is given as;

- In the introduction chapter, the background information about the scope of the study
was stated and the outline of the thesis was presented,

- In the literature review chapter, after a brief introduction to the stainless steels,
related studies based on intergranular and transgranular fractures of steels were

summarized,

- In the experimental procedures chapter, the production technique of CN3MN and the

characterization methods were stated,

- In the results and discussion chapter, the results of the experiments were explained
and key points were discussed in terms of microstructural and crystallographic point

of view,

- In the conclusion and future recommendations chapter, the conclusions of the study
was derived and recommendations for future studies were given.






CHAPTER 2

LITERATURE REVIEW

2.1. Stainless Steels

2.1.1. An Introduction to Stainless Steels

As previously mentioned in the introduction chapter, the protection mechanism of
stainless steels against rusting is the formation a protective chromium oxide layer on
top of the surface. For this purpose, at least 10.5% Cr must be added as an alloying
element to the steel. Other than Cr, other elements are added to stainless steels for
various purposes. Therefore at this point, it may be useful to briefly explain the effects

of the alloying elements added to the stainless steels.

Carbon, like in the other type of steels, increases hardness and hardenability in expense
of toughness, formability and weldability. Mn addition promotes the shock resistance
of steel. Also, it provides extra strength and hardenability to the steel. Moreover, Mn
is a strong austenite stabilizer, which decreases the eutectoid temperature even at room
temperature. Almost all steels contain Si because they are used for deoxidizing agent
during steel production. They are also often added to stainless steels to get finer grain
size. Si is also an austenite former agent and it triggers the austenite nucleation which
suppresses the extensive growth of the grains. Cr is the main element which makes the
steel “stainless”. Also, it is a strong carbide and nitride former, which hinders the
dislocation motion in the steel, leading to loss of toughness and ductility, but increases
the hardness. Ni is the most commonly used austenite former element. Almost all
austenitic stainless steels contain Ni. Mo is also a strong carbide former element. Also,

it hinders the high temperature embrittlement, therefore it is commonly used in high-



speed tool steels. Zr, Ti, Nb and Ta are even stronger carbide formers than Cr due to
their higher carbon affinity, therefore there are used in stainless steels to prevent

sensitization [3].

Up to here, the roles of alloying elements have been investigated mainly in terms of
their contributions in mechanical and deteriorative performance. However, the effects
of alloying elements are not limited with performance related properties, they also
depict the possible stable and metastable phases present in the steel. In this respect, the
thermodynamic background behind the stainless steels will be investigated in the next

section.

2.1.2. Thermodynamics of Stainless Steels

The complete understanding of an effect of the alloying element would be impossible
without an investigation through possible phase diagrams in a very wide range of
temperature. The effect of alloying elements are classified into four groups regarding
to the Fe-C phase diagram; namely as, open vy-field, closed y-field, expanded y-field
and contracted y-field, as-shown in Figure 2.1. The alloying elements which expand
the y-loop are known as austenite stabilizers, the ones which contracts y-loop are

known as ferrite stabilizers [4].
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Figure 2.1 Classification of iron-alloy phase diagrams



However, things can be more complicated when the overall effects of alloying
elements are taken into account. One practical way to determine what phase is present
at room temperature in the case of multiple alloying elements are present, is to consult
Schaeffler Diagrams. They represent the stable phases observed on the stainless steels
by dividing the alloying elements into either ferrite or austenite stabilizers, and their
amounts were used for the calculation of Cr-equivalent and Ni-equivalent numbers
with the empirical formula below. They are x and y axes, respectively, on the diagram

and the regions represent the stable phases at room temperature [5].
Creq. = (Cr) + 2(Si) + 1.5(Mo) + 5(V) + 5.5(Al) + 1.75(Nb) + 1.5(Ti) + 0.75(W) (Eq.2.1)
Ni eg. = (Ni) + (Co) + 0.5(Mn) + 0.3(Cu) + 25(N) + 30(C) [5] (Eq.2.2)

where the compositions must be substituted in weight percentages. Another example
of Schaeffler Diagram is given in Figure 2.2. Each region in this diagram show the
predominance phases at room temperature. It should be noted that for a given Cr. eq
number, as the Ni.eq number increase, the matrix phase has an increasing tendency to

form austenite, or vice versa.
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Figure 2.2 Schaeffler Diagram [5].



2.1.3. Classification of Stainless Steels

The resistance to corrosion strongly depends on the composition of the stainless steels.
Figure 2.3 illustrates this situation clearly. In the Figure 2.3 (a), the behaviors of steels
against sulfuric acid and nitric acid with different amount of Cr are shown. As the
amount of Cr increases, the resistance to the corrosion against two different chemicals
Is also increased. Therefore it can be estimated that the steel grades with higher Cr
content are more resistant to corrosion. This is also valid for high temperature
conditions, as shown in Figure 2.3 (b). Another important point that can be inferred
from Figure 2.3 (a) is that the effectiveness of stainless steels against different
chemicals is completely different. For instance, for a high Cr ferritic stainless steel
(~20 wt% Cr) the corrosion rate against dilute sulfuric acid is in the order of 10°,
whereas the one against dilute nitric acid is only 500 mg/dm?-day. Hence, that steel
grade should not be used in environments containing sulfuric acid, however, it can be

safely used against nitric acid [6].
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Figure 2.3 (a) The corrosion rate of steels with different chromium concentrations at
room temperature (b) weight losses in the given experimental conditions for steels with

different chromium concentrations [6,7].

In some other studies, it has been revealed that austenitic and duplex stainless steels
exhibit good performances in sulfuric acid and they have been widely used in industry
[8,9]. This seems to be contradicting with the previous example (Fig 2.3) but it actually
shows the importance of matrix phase determining the deteriorative properties.

Therefore, it is crucial to determine the corrosion resistance of stainless steels. Below,
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ferritic, martensitic and austenitic stainless steels are investigated separately. The
combined microstructure effects such as the duplex and precipitation-hardened

stainless steels were also cited.

2.1.3.1 Ferritic Stainless Steels

As the name suggests, ferritic stainless steels have ferrite as their matrix phase. These
steels can be thought as chromium and iron alloys in order to simplify the phase
relationships. Below, Fe-Cr phase diagram is given representing the 400°C and
1800°C temperature range. At the top of the diagram, one can see the melting points
of pure Fe and Cr. Also, there are solid and dashed lines, which show the liquidus and
solidus, respectively. The large region in the middle part is labeled as alpha because

the alloys within this composition range are all ferrite.
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Figure 2.4 Fe-Cr Phase Diagram [10].

The looped region at the middle left shows austenite phase. Cr can stabilize the
austenite phase at higher temperatures. The stability region is smaller than that of
conventional Fe-C phase diagram due to the fact that Cr is a ferrite stabilizer. The
sigma (o) phase observed at the bottom, has a different crystal structure as compared
to bcc-ferrite. The formation of sigma (o) phase is highly unwanted. Its extensive
brittleness deteriorates the mechanical properties. Therefore it must be strictly avoided
in stainless steels. It should be noted that the phase boundary lines that bounds sigma
phase are dashed. This means that the corresponding phase will not appear unless the

alloy is kept at that temperature for very long or apply very slow cooling rates.



Although it is assumed that the system is consisted of only Fe and Cr, it is impossible
to produce the steel without carbon. Even very small additions of C have significant
effects on the phase diagrams. Therefore, it is more significant to investigate Fe-Cr-C
ternary systems as compared to Fe-Cr binary systems. In the literature, Fe-Cr binary
phase diagrams with fixed carbon content are more common. Figure 2.5 shows an
example for such diagrams for 0.05 and 0.1 wt% C.
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Figure 2.5 Fe-Cr phase diagrams with (a) 0.05 wt. % C and (b) 0.1 wt. % C [11].

There are two significant changes after small additions of C. The first one is the
increase in austenite area. In the Fe-Cr phase diagram with 0.05 wt% C, austenite
cannot form higher than 12.7% Cr at 1000°C, whereas after the addition of only 0.05%,
this limit has been pushed to 20% Cr. The second important effect is the formation of
carbides. Cr is a very strong carbide element (even stronger that iron carbide
(cementite). Many different type of carbide may be formed with different crystal
structures than cementite. The most commonly observed carbides are denoted as K1
and Kz, which are called as M23Cs and M7C3 respectively [11].

The most widely used ferritic stainless steel grade is AISI 430 due to its formability
and reasonable production cost. Some other grades have been evolved from AISI 430
for specific purposes. The evolution of ferritic stainless steels is summarized in
Figure 2.6.
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Figure 2.6 The evolution diagram of ferritic stainless steels [12].

2.1.3.2 Martensitic Stainless Steels

Martensitic stainless steels are the subgroup of stainless steels which contains mainly
chromium and carbon as alloying elements. They have distorted bcc structure and
exhibit ferromagnetic properties. Their resistance to corrosion protects only for the
mild environments as compared to other stainless steel counterparts. Some martensitic
stainless steels and their compositions can be seen in Table 2.1 [13]. It should be noted

that all martensitic steels belong to 4xx family of stainless steels.

As the name suggests, these steels require heat-treatments to form martensite instead
of ferrite at room temperature. The heat-treatments are almost the same as the plain
carbon steels with additional constraints. For instance, Ky and K> carbides dissolve

more slowly than cementite, therefore longer austenitization duration may be required
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to dispose the second phases. Secondly, thermal conductivity is much lower, therefore
quenching must be applied in multiple steps [14].

Table 2.1 Examples of martensitic stainless steels and compositions [13].

AISI No. %C %Cr Other (§)

410 0.15 11.5-13 -

431 0.20 15-17 1.25-2.5Ni
440A 0.65-0.75 16-18 0.75 Mo
440B 0.75-0.95 16-18 0.75 Mo
440C 0.95-1.2 16-18 0.75 Mo

§ All grades contain 1%Si and 1%Mn

The hardenability of stainless steels strongly depends on the chromium content [15].
As the Cr increases, the IT (isothermal transformation) curves are shifted towards
right-hand side. This fact is illustrated in Figure 2.7. It should be noted that the nose
temperature of pearlite starts at 60 seconds for ferritic stainless steel; whereas it is at
500 seconds for martensitic stainless steel. For this reason, slow cooling rates i.e. air
cooling may be sufficient to obtain fully martensitic structure. However, in practice
oil quenching is preferred because excess slow cooling may cause carbide
precipitation, which deteriorates both the mechanical properties and the corrosion
resistance [15].
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Figure 2.7 IT diagrams of (a) AISI 430 ferritic stainless steel austenitized at 1090°C
(b) AISI 410 martensitic stainless steel austenitized at 980°C [15].
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The corrosion resistance of martensitic stainless steel is lower as compared to other
stainless steel groups. The main reason is the presence of high amount of carbon
needed to form martensite. As the amount of carbon increases, the possibility of
carbide formation is enhanced. This results in formation of Cr rich precipitates. In
other words, chromium atoms will be depleted from the matrix. If this depletion leads
to a decrease more than 12% Cr from the matrix, these areas are prone to corrosion.
This phenomenon is called as sensitization. Since these carbides are preferentially
nucleated at grain boundaries, sensitization may be thought as the primary reason of

intergranular corrosion [16].

Martensitic stainless steels are used for cutlery applications. The most common grade
of martensitic stainless steels is AISI 410 and the other grades are evolved from this
grade to enhance other specific properties. In Figure 2.8, the martensitic stainless steel

family is summarized.
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Figure 2.8 Family of martensitic stainless steel grades [12].
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2.1.3.3 Austenitic Stainless Steels

Although austenite is stable at high temperatures in plain carbon steels, austenitic
stainless steels contain austenite as matrix phase at room temperatures by the additions
of large amounts of Ni. Both Ni and austenite have face-centered cubic structures.
Nickel decreases the austenite to ferrite transformation temperature below the room
temperature. Similar to ferritic stainless steels, carbon levels are kept at minimum to

enhance the corrosion resistance.

Ap  Metastable austenite Phases after rapid cooling from

Ag Stable austenite temperatures of maximum 7 (0.1% C)
Fp Delta (high-temperature) ferrite

M Martensite 45
C  Carbide

40 45

Figure 2.9 Fe-Cr-Ni phase diagram at 1100 °C and various austenitic stainless steel

compositions implemented on the diagram [10].

Fe-Cr-Ni ternary system at 1100°C (Figure 2.9) reveals that as the Cr content
increases, amount of Ni, which stabilize austenite phase at room temperature, also
increases. The boundary just above the compositions determines the austenite-stable
region and the slope of this line suggests that there is nearly a linear relationship

between Cr and minimum Ni amount to stabilize austenite [10].
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The austenitic stainless steels have the best corrosion resistance among the other
stainless steels. The corrosion resistance of austenitic stainless steel can be further
enhanced by reducing the %C amount in the steel, while increasing Cr and Ni and
some other carbide formers to prevent sensitization. The main reason of sensitization
Is the precipitation of Ki. Even a small change in carbon content has significant effects
on the kinetics of precipitation. The nose of IT diagram of 18Cr/10Ni stainless steel is
ataround 70 hours in the steel containing 0.02%C, whereas it is at 1 minute in 0.08%C.
Common austenitic stainless steel grades are given in Table 2.2. It should be noted that
the overall carbon level is relatively low and the amount of strong carbide formers are
immensely high [11,17].

Table 2.2 The compositions of selected austenitic stainless steels [11].

AISI No. %Cr %Ni Max%C Other

302 18 9 0.15

304 19 9.3 0.08

304L 19 10 0.03

308 20 11 0.08

309 23 135 0.2

310 25 205 0.25

316 17 12 0.08 2.5% Mo
316L 17 12 0.03 2.5% Mo
321 18 105 0.08 %Ti=5*%C
347 18 11 0.08  %Nb=8*%C

Note: All grades contain 2% Mn and 1%Si

Austenitic stainless steel family, as shown in Figure 2.10, is much greater than the
other stainless steel types. The main reason is due to wide range of alloying elements
used in these steels. Since austenitic stainless steels are not heat-treatable, the
modifications of critical properties can be only done by changing the compositions.
The family of austenitic stainless steel grades is summarized in Figure 2.10. It should
be noted that there are two main grades; the first one is Ni-based and the second one

is N and Mn based austenitic stainless steel [12].
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Figure 2.10 Family of austenitic stainless steels [12].

2.1.3.4.0ther Stainless Steels

Apart from the stainless steels explained previously, there are some steel grades which
contain either the combination of these types or some other secondary and ternary
phases as precipitates. They are called as duplex stainless steels and precipitation-

hardened stainless steels, respectively.

When the Fe-C phase diagram is taken into account, during the stabilization of
austenite, there might be stable 6-ferrite and austenite region at room temperature. This
type of stainless steels is called as duplex stainless steels [18]. These steels can be
obtained only with the balanced amount of alloying elements of both austenite and
ferrite stabilizers. The amount of ferrite and austenite phases is adjusted by proper
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heat-treatment procedures. These stainless steels are mechanically stronger due to
grain refinement (it may lead to super-plasticity at elevated temperatures) and

excessive phase boundaries introduced to the system. Corrosion resistance of these

steels can be categorized between ferritic and austenitic stainless steels [18].

Figure 2.11 Examples for the microstructures of (a) duplex stainless steel [18] and (b)

precipitation-hardened stainless steel [19].

As similar to the secondary hardening in tool steels, precipitation-hardened stainless
steels contain small precipitates on the matrix, which can be either austenitic or
martensitic. The main difference from secondary hardening is that the precipitates in
these steels are not carbides. For instance, when 17-7 PH steel is heated to 540°C,
NizAl and NiAl precipitates form on the matrix. The corresponding grades are

classified according to the composition and heat-treatment procedures [19].

2.1.4. Properties of CN3MN

CN3MN is a special kind of austenitic stainless steel which is commonly used in
extreme corrosive environments and chlorine-containing media such as sea water
systems, marine construction, oil wells and hot-pipe systems [20]. The major
advantage of this grade is its superior resistance to pitting corrosion, which is a severe
problem for many other stainless steel grades. A common index called Pitting
Resistance Equivalent Number (30) (PREN30) [20] is generally used to measure and

compare resistance to pitting corrosion, and it is given as;

PREN30 = %Cr + 3.3x(%MOo) + 30x(%N) (Eq.2.3)
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The stainless steel grades, whose PREN3p are greater than 45 take Super prefix to their
classification. As given in Table 2.3, CN3MN satisfies this condition, hence this steel
is known to be “Super Austenitic Stainless Steel”. The composition range can be seen
in Table 2.3 according to the ASTM standards.

Table 2.3 Chemical composition range of CN3MN [21].

Amount
Element (Wt%)
Cr 20-22%
Ni 23.5-25.5%
Mo 6.0%-7.0%
Mn <2.0%
Si <1.0%
Cu <0.75%
N 0.18%-0.26%
C <0.03%
P <0.04%
S <0.01%
Fe Balanced

2.2. Formation of Intermetallics

2.2.1. Common Types of Intermetallics in Austenitic Stainless Steels

Following the casting operation, the steels are usually exposed to heat-treatment
operations in order to homogenize the steel and relieve the residual stress. During this
post heat-treatment process, excess temperature rise may cause the formation of many
precipitates due to the decomposition of austenite matrix to the various precipitates
[20]. The nature of precipitates depends on several parameters such as alloying
elements, matrix phase, the heat-treatment time and temperature. For instance, M23Cs
carbide is observed in almost all kinds of stainless steels, whereas Cr-rich o ferrite is
mostly seen on ferritic and martensitic stainless steels [31]. In Table 2.4, the common
precipitates observed in austenitic stainless steels were summarized and brief
information are given about their formation temperatures and crystal structures.
Among these precipitates, nitrides, sigma and Laves phases are commonly observed
in CN3MN. In the following section, the studies conducted with CN3MN regarding

to formation of these precipitates are summarized.
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Table 2.4 Common precipitates observed in austenitic stainless steels [22-30].

Temperature
Chem. Range of
Phase Form Structure Formgation Space | Lattice Parameter
(9] Group (nm)
a bcce/bcet Im3m 0.286-0.288
a' bce/bcet 300-525 Im3m 0.286-0.288
Y fcc Fm3m 0.358-0.362
o | Fe-Cr-Mo | Tetragonal 600-1000 P4,/mnm| a=0.879 c=0.454
x | Fe-Cr-Mo bcc 700-900 143m 0.892
R | Fe-Cr-Mo | Trigonal 550-650 R3 a=1.093 c=1.934
n Fe-Mo-N Cubic 550-600 P4,32 0.647
Cr2N 700-900 P31m a=0.479 c=0.447
CrN Cubic Fm3m 0.413-0.447
M23Cs fcc 600-950 Fm3m 1.056-1.065

2.2.1.1 Sigma Phase

Primarily attributed to its significant effects on many mechanical and corrosion
resistance properties, sigma phase has been thoroughly investigated by many studies.
It is a common agreement that sigma phase is responsible for degradation in toughness
for many steel grades after even very short heat-treatment operations [31-33].

The nucleation of sigma phase depends on many parameters. According to Barcik [34],
grain size and grain shape are the primary factors for the nucleation of the sigma phase.
These sites create preferential nucleation sites for sigma phase. This was also
confirmed by Schwind et.al with computer simulations [35]. Furthermore, they
showed that grain size is a more critical parameter compared to grain shape for

enabling the nucleation to commence [35].

Koutsoukis et.al.proposed that decomposition of austenite matrix to the sigma phase
occurs initially at triple junctions and grain boundaries [36]. This is revealed in Figure
2.12. The corresponding TEM studies have indicated that the sigma phase is nucleated
and growth along a grain boundary. Formation of such precipitates inside grains
requires prolonged heat-treatments [36].
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Figure 2.12 (a) BF TEM image of intergranular sigma particle (2000h, 750°C),
Diffraction patterns along (b) [001], (c) 111 and (d) [011] zone axes [36, 37].

In another study, the space group of sigma phase was solved as P4,/mnm (No:136) by
Koutsoukis et.al. This structure is tetragonal with lattice parameters of a=8.799 A and
c=4.544 A [36]. After investigating many sigma particles, they concluded that there
was no definite orientation relationship between the precipitates and austenite matrix.
The EDS analyses taken from large sigma particles revealed that these precipitates are

rich in Cr and Mo and they contain less Fe as compared to the matrix [36-37].

2.2.1.2 Laves Phase

Laves phase is one of the most common intermetallics observed in the austenitic
stainless steels. It can exist in both intergranular and intragranular fashion in a well-
dispersed mode in the matrix. After long annealing times such as 100 hours at 950°C,
it transforms into sigma phase. It is elusive to conduct a crystallographic analysis due
to its highly faulted structure [36].
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Figure 2.13 (a) DF image of intergranular Laves particle (240 hours, 950°C) (b) BF
image of transgranular Laves particle along with defects parallel to each other (c) BF
image a fault-free Laves phase (d) SADP from the particle in (c).

In the Figure 2.13 (a) and (b), this faulted structure of Laves phase can be clearly seen.
The diffraction contrast in the DF image revealed parallel twins throughout the
particle. Koutsoukis et.al conducted one of the rare crystallographic analysis and
concluded that the orientation relationship between the particle and the matrix is
[200]matrix Il [2110]aves. They observed that the most common crystal structure of the
Laves phase is hexagonal, with the exception of some rare cubic Laves phase. The
morphology of these particles can be polyhedral, plate-like or even needle-like

representing the variety of possible shapes for intragranular Laves phase [37].

Phillips et.al conducted kinetic analysis on CN3MN steels [38]. They monitored the
Laves to sigma solid-state phase transformation and they calculated volume and
number densities of sigma and Laves precipitates upon different heat-treatments. Their
results are summarized in Figure 2.14. It is clear that there must be very long heat-
treatments in order to observe even a few amount of these precipitates. Although the
overall precipitate content was low, they calculated 65% grain boundary coverage after
annealing 60 minutes at 8§72°C, which would be sufficient to build a brittle network
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on the grain boundaries despite the sluggish kinetics of precipitation [38-39].
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Figure 2.14 Number and volume densities of precipitates from annealed samples [38].

2.2.1.3 Nitrides

Addition of nickel into austenitic stainless used in bio-materials is not preferred
because of the well-recognized toxic effects of Ni. Therefore, in order to enhance
mechanical properties and stabilize austenite at room temperature with lower Ni,
excess nitrogen is used in the stainless steels [31]. Addition of nitrogen to the austenitic

stainless steels is a well-known process due to strong austenite stabilization effect [40].
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The introduction of N to the system causes to form nitride precipitates within the steel.
The most common nitride precipitate is CroN. When the steel with excess nitrogen is
heat-treated between 700-1000°C, the following reaction cause to form discontinuous

cellular Cr2N precipitates:
Yy — v+ Cr2N (Eq 2.4)
where the v is the super saturated matrix and y' is the N-depleted austenite [31].

Vanderschaeve et.al revealed that CroN nucleates at grain boundaries and growth takes
place towards inside the grain for the steels containing 0.9% N. They also observed
that intragranular nitrides only in the pre-strained samples [41]. However, Shankar
et.al observed intragranular precipitates with lower N-containing steels. They
proposed that when the amount of N reached critical values, there would be certain
lattice distortion, which pushes the N atoms to the grain boundary. If the N content is

low, that kind of diffusion is not taken place [42].

Feng et.al also found similar results to previous studies [40]. Figure 2.15 shows
cellular precipitation initiated at grain boundary and grown towards the matrix. It
should be noted that even after 48-hour aging at 800°C, intragranular precipitates are

not seen and the precipitate content is relatively low. According to these results, they

have been concluded that the formation kinetics of these nitrides are extremely slow
[40].

Figure 2.15 Microstructures of the samples exposed to heat-treatments at 800°C for
(a) 1 hour, (b) 4 hours, (c) 12 hours, (d) 48 hours [40].
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2.2.2 Effects of Precipitates on the Mechanical Properties

It would be very difficult to determine the effects of a single type of precipitate on the
mechanical properties because different type of precipitates with diverse mechanical
properties can be formed simultaneously. Therefore, the studies on literature generally

aim to clarify overall effects of the precipitation to the mechanical properties.
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Figure 2.16 (a) BSE image of 30-min-annealed sample at 872°C (b) Impact strength

as a function of time-at-temperature for an 872°C heat-treatment [39].

Muller et.al showed that the Mo and Cr contents were higher at the grain boundaries
than the austenite matrix according to the Auger studies conducted from the specimens
shown in Figure 2.16 (a). It was clear that the grain boundaries were rich in
precipitates. The amount of precipitation directly affects the overall impact toughness
of the steel as shown in Figure 2.16 (b). The grain boundary coverage and fracture

toughness of the steel was found to be inversely related [39].

2.3. Crystallographic Defects in Steel

In the following sections, defects commonly observed in steel are described. These
defects play an important role in determining the active fracture modes in steels.
Examples of studies regarding to defect and mechanical properties are briefly

described below.

2.3.1. Dislocations

Dislocations are one of the most important line defects as they are responsible for

plastic deformation by the phenomenon called slip. If there are not any obstacle for
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dislocation movement, dislocations can move easily during the application of forces,
which explains why the real crystal can be deformed much more easily as compared

to conceptually perfect crystals [43].
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Figure 2.17 Geometrical representations of edge and screw dislocations [43].

There are two main types of dislocations, namely as edge dislocation and screw
dislocation as shown in Figure 2.17. All points in the crystal which are coincident

across the slip plane have been displaced by the same amount and direction. This

amount of displacement is known as Burger’s vector (B) [43].

Edge dislocation can be represented by a simple geometry. According to Figure 2.17,
the unslipped RHS region and slipped LHS region are separated by the dislocation
line, which is always perpendicular to the slip vector for edge dislocations. Edge
dislocations can slip towards a direction perpendicular to this line. Moreover, they can
move vertically by the addition or subtraction of an atom from the extra half plane.
This phenomenon is called as climb and since it requires the diffusion, it is slower than

slip and it is not common at low temperatures [43,44].
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Table 2.5 Comparison of edge and screw dislocations [43].

Dislocation Property Edge Screw
Dislocation Line and b | Perpendicular Parallel
Slip Direction Parallel to b Parallel to b
Dislocation Line and Parallel Perpendicular
Slip Direction
Change of slip plane Climb Cross-Slip

Screw dislocations have complicated structures and the understanding of their
geometry can be elusive. Their main difference with respect to edge dislocation is their
dislocation line which is parallel to the Burger’s vector and the slip direction. Another
difference is the mechanism of altering the slip plane. When screw dislocations
encounter an obstacle, they form a dislocation loop and their movement can continue
by changing the slip plane. Unless material itself allow such a mechanism, the
movement of dislocations would have been very limited and the material would have
been very brittle [43].

Figure 2.18 Schematic drawing of Cross-Slip [43].
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The Figure 2.18 shows the cross slip mechanism of a screw dislocation. During the
movement of the dislocation, dislocation meets an obstacle parallel to [101] direction.
In order to maintain the movement, it changes the slip plane (111) to (111), which

belongs to the slip plane family and continue their movement on (111) over again [43].

The crystallographic features of dislocations depend on the crystal structure and even
Bravais lattice of the materials. Since there are various crystal structures, hereby, only
dislocations in the fcc structures will be investigated throughout this chapter.

Dislocations tend to move on the most densely packed planes and directions, therefore,

dislocations on the fcc structures have the burgers vector of b = a/2 <110> on the
{111} planes. Since this vector is a translational vector for fcc packing, after one slip,
there will be no break-down in the stacking sequence i.e. stacking fault. This type of
dislocations is called as “Perfect Dislocations” [43]. However, due to the energy
related concerns, perfect dislocations can dissociate into two partial dislocations
leaving a stacking fault between these partials. Figure 2.19 reveals the difference
between the perfect and partial dislocations. There are not any stacking fault on the

glide plane if the dislocation is perfect. After dissociation of b1 into b2 and bs on the
Figure 2.19 (b), there is a stacking fault on the glide plane [43,44].
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Figure 2.19 Schematic drawings of (a) perfect and (b) partial dislocations [44].

There are two well-known partial dislocations in fcc materials, as known as, Shockley
partial dislocations and Frank partial dislocations. The driving force for the formation
of Shockley partials is the decrease in the energy of the dislocations. According to the
Frank rule, the energy of a perfect dislocation is proportional to a%/2, whereas for two
partial dislocations this value is a?/6 for each of which shows a slight decrease. The
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Frank partial has a Burgers vector normal to the {111} plane of the fault and the
magnitude of the vector is equal to the change in spacing produced by one close-

packed layer, i.e. b = 1/3 <111>. The Frank partial is an edge dislocation and since the
Burgers vector is not contained in one of the {111} planes, it cannot slip easily. Such
dislocations are called as sessile, unlike the glissile Shockley partial. In Figure 2.20,
the stacking sequences of the Shockley and Frank partials can be seen. It should be
noted that right hand side (RHS) is the stacking sequence of unslipped matrix and left
hand side (LHS) is the stacking sequence of the slipped region [43,44].
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Figure 2.20 Schematic drawings of (a) Shockley and (b) Frank partials with intrinsic
stacking fault [44].

Marinelli et.al [45] studied the dislocation structure within the SAF2507 duplex
stainless steel mainly on the austenite phase. They found that the steel grade formed
well-developed dislocation cell structure on the austenite matrix due to their high
stacking fault energy. They also confirmed that the formation and impingement of slip
bands at the grain boundaries led to the cracking, as shown in the Figure 2.24 [45].

Figure 2.21 (a) Ladder-like structure developed within a twin of an austenitic grain

(b) interaction of slip band with a high angle grain boundary [45].
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Idrissi et.al [46] conducted a complete TEM study on nanocrystalline TWIP steels in
order to find out dislocation and twin structures. In Figure 2.22(a), dislocations are
aligned parallel to each other pointing out [110] direction, which is the intersection of
two slip plane (111) and (111).
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Figure 2.22 (a) Straight sessile dislocations parallel to the [110] direction
(b) Dissociated Shockley Partials [46].

They offered that these dislocations were formed by a mechanism which was
consistent with the previous findings. According to this mechanism these dislocations
are formed by the dissociation of the Shockley partials into one sessile and one

Shockley partial dislocation with the following reaction:
a -5 a == a =
P [211] 111y = p [110] (sessitey + s [121] 111y (Eq. 2.5)

The Figure 2.22(b) showed Frank partial dislocation with a Burgers vector of
a/3[[111] This process included the dissociation of a perfect dislocation into a Frank-

Sessile Dislocation and a Shockley partial [46].

2.3.2 Stacking Faults

Stacking faults, as the name suggests, are the deviations in the perfect ordering of the
atoms within the structure of the material [43]. They can be divided into two groups
with respect to their formation dynamics; (i) stacking faults based on the subtraction
and (ii) addition of a layer between the perfect stacking. If the subtraction exists, it is
called as intrinsic stacking fault, whereas in case of the addition of a layer, it becomes
an extrinsic stacking fault [44].
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As an example for an intrinsic stacking fault, consider the slip on the {111} plane in
fcc crystals can be considered. After the slipping between the A and B layer, the
stacking sequence become ABC-AC-AB, which contains perfect hcp stacking
sequence within the fcc lattices. For an extrinsic stacking fault, Wagner [47] found a
ABC-ACB-CA stacking sequence after the deformation processes and named it as
twin stacking fault. The schematic drawings of their model can be seen on the Figure
2.23 [43].

40——-—}—04 30————/;05
lo— o Ao o
ﬁ T (A o s 4
Ao _of" g Ao >0
Colr o [ —
BozZ o BoZ 4
Ao 5 A" 4
ABcABCA ABCAICAB
{a) (&)
A oA
Coz™ ol
foZ & O——————0 &
\O—OC Oi——o A
Ao CT No op
CoZ o ot 4 4
o 4 sy SN—-
AO/—O O/#—O A
A8ciacsica ABABAB
(e} ()

Figure 2.23 Schematic drawings of (a) fcc stacking sequence, (b) Intrinsic Stacking

fault with hcp region, (¢) Extrinsic stacking fault, (d) hcp stacking [43].

At this point, it may be useful to define the term extended dislocation, which is the hcp
region separated by two partial dislocations. Since these dislocations are parallel and
in close proximity, they tend to repel each other. However, this force is balanced by
the surface tension of the stacking fault which is known to be stacking fault energy
[43]. Stacking fault energy determines the width of the stacking fault and whether or
not a stacking fault will form [43-44].

There are several studies aimed to determine stacking fault energy of the stainless
steels [48-50]. Many of them are based on the empirical formulas depending on the

composition of the steels. Some of these formulas are listed as examples:
Schramn et.al: SFE =-53 + 6.2x%Ni + 0.7x%Cr + 3.2x%Mn + 9.3x%Mo [46] (Eq.2.6)

Rhodes et.al: SFE = 1.2 + 1.4x%Ni + 0.6X%Cr + 7.7x%Mn — 44.7x%Si [47] (EQ.2.7)
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Pickering et.al: SFE= -25.7 + 2x%Ni + 410x%C + -0.9x%Cr -77x%N — 13x%Si -
1.2x%Mn [48] (Eq.2.8)

Stainless steels are known to have relatively low stacking fault energies as compared
to many conventional metallic alloy systems. A comparison between different metallic

alloys is given in Table 2.6.

Table 2.6 Stacking fault energies of various alloy systems [43].

Stacking Fault
Metal Energy
(mJ/m? or erg/cm?)

Brass <10
303 Stainless Steel 8
304 Stainless Steel 20
310 Stainless Steel 45

Silver ~25

Gold ~50

Copper ~80

Nickel ~150

Aluminum ~200

2.3.3 Twins

Twinning is a secondary type of deformation mechanism in FCC crystals by which a
part of crystal oriented such a way that the twinned and untwinned regions are the
mirror image of each other [43]. Figure 2.24 shows the representative atomic

movements during twinning in an FCC metal.

They are commonly occur when the slip system of a material is somehow restricted or
critical resolved shear stress is increased so that twinning stress become lower than
that of slip. That is why fcc crystals do not exhibit deformation twinning, but bcc and
hcp systems exhibit twinning commonly. Twin make coherent boundaries, therefore

their interfacial energy is relatively low. Similar to slip, the orientation of the twins
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depends on the crystal structure. Table 2.7 shows examples of twin systems in different
cubic systems [44].

Plane of Paper (710)
(111) Twin Plane

[112] Twin Direction /7\

Figure 2.24 Schematic view of twinning from an fcc crystal [52].

Table 2.7 Twin systems in different cubic systems [43].

Crystal Structure Examples Twin System
bcc Ta, a-Fe (112) [111]
hcp Zn,Cd,Mg,Ti (1012) [1011]
fcc Ag, Au, Cu (111) [112]
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CHAPTER 3

EXPERIMENTAL PROCEDURE

In this chapter, background information on production and heat-treament of the
CN3MN specimens and experimental procedures regarding to mechanical and

microstructural analyses were given in details.

3.1. Production and Heat-Treatments of the Samples

Steel samples were obtained under as-cast conditions from a foundry which is in active
cooperation with Steel Foundries Society of America. Wrought steel pieces are
typically smaller in size and can be heat-treated and cooled rapidly in order to avoid
embrittlement, on the other hand, cast superaustenitic stainless steels are large and
cooling rate is much slower and inhomogeneous. Therefore, several regions in
superaustenitic stainless ingot suffer from embrittlement. In order to mimic this
embrittlement behavior, specimen from superaustenitic stainless ingots were
solutionized (austenitization), quenched and heat-treated for short-period of times.
Previous studies have shown that isothermal annealings above 900°C for less than 30

mins results in embrittlement.

The specimens were cut and encapsulated under Argon atmosphere before the heat-
treatments. The austenitization process was conducted at 1205°C for 2 hours and
followed by water quenching. Subsequently, these samples were annealed at 927°C up
to 16 minutes at lowa State University. For the long annealing times, these as-
homogenized samples were annealed at 927°C for 1, 4 and 16 hours at Middle East
Technical University. No encapsulation was applied to these specimens. Table 3.1

shows the codes of the samples.
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Table 3.1 The annealing durations and the given specimen codes for CN3MN.

Time Osec | 30sec | 1 min | 2min | 4 min | 8 min | 16min | 1hour | 4hours | 16hours

Sample | SO | SO0.5 S1 | 82 S4 S8 S16 Sih S4h S16h

3.2. Mechanical Analyses

Charpy impact testing and hardness measurements were conducted at room
temperature to the CN3MN test specimens. Specimens for Charpy impact tests having
dimensions of 5x5x55 mm were prepared by electrical discharge method according to
ASTM E-23 with the title of Standard Test Methods for Notched Bar Impact Testing
of Metallic Materials [53]. Tests were conducted using a Tinius Olsen Charpy Impact
Test Machine at Materials Science and Engineering Department of lowa State
University, 1A, USA. Charpy impact tests were repeated at least 5 times for each

specimen.

The hardness tests were conducted with Wilson-Wopert Hardness Machine at Middle
East Technical University and reported in Rockwell B scale. Indentations were taken
from the underside regions of Charpy test specimens which have not been subjected
to any plastic deformation. At least 10 individual hardness measurements were
collected from each specimen and the average values were reported with the

corresponding standard deviations.

Figure 3.1 (a) shows the fracture surfaces after the Charpy-impact tests and Figure

3.1(b) shows the specimen surfaces after the hardness tests.
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Figure 3.1 The surface of the specimens after (a) Charpy-Impact (b) Hardness tests
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3.3. Structural Analyses

Structural analyses were mostly conducted using X-Ray diffraction techniques (XRD)
with a Rigaku D/Max-2000 PC Diffractometer. All the specimens used in XRD
experiments have a surface finish. In order to minimize the unwanted instrumental
contribution, the divergence and receiving slits were set to be 1.2 and 0.3 mm. The
XRD data were collected between 20° and 100° with a step size of 0.02°.

3.4. Microstructural Analyses

3.4.1. Metallographic Sample Preparation

All the samples were exposed to conventional metallographic sample preparation. The
CN3MN specimens were grinded manually with the emery papers of 120, 200, 400,
600, 800, 1200 and 2000 mesh sizes. Then, these specimens were polished with
diamond paste. Finally, the samples were etched with Marble’s Reagent for 15-25
seconds and dried. The etchant contained 10 gr CuSOa4in 50 ml HCI and 50 ml water.

3.4.2. Optical Microscope Analyses

Optical microscopy was mostly used for grain size measurements. After
metallographic sample preparations, optical micrographs were captured by Nikon
Optiphot-100 optical microscope. Grain size measurements were conducted by using
Clemex Vision Professional software, which worked in a synchronization with the
optical microscope. Since the grains were highly oriented, the linear markings for the
grain size measurement were taken towards both longitudinal and transverse directions

to get best statistical approach.

3.4.3. SEM Analyses

The microstructural characterizations were conducted by FEI NanoSEM 430 Field
Emission Scanning Electron Microscope (SEM). Specimens for scanning electron
microscopy analyses were prepared by the same procedure described in 3.4.1. SEM
images were collected in secondary and back-scattered modes using Everhart-
Thornley Detector (ETD), Low Voltage High Contrast Back Scatter Electron Detector
(VCD), respectively.
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Figure 3.2 Detector positions inside the chamber.

EDS (Energy Dispersive X-Ray Spectroscopy) studies were conducted using EDAX
SSD Apollo10 Detector and EDAX Genesis Version 6.0 Analysing Software adapted
to FEI NanoSEM 430 Field Emission Scanning Electron Microscope (SEM).
Conventional EDS data were collected at larger spot sizes and the collection times
were set to the 60 live seconds. For the linear analyses, the composition lines were
divided into 200 individual collection points and the dwell time was set to 1000ys.
During the elemental mapping, dwell time were kept at 100 ps due to long data
collection times, but in order to get better contrast, high number of frames were used

such as 8 or 16.

3.4.4. EBSD Analyses

Specimen preparations for Electron Back Scatter Diffraction (EBSD) studies were
conducted by electropolishing using Struers LectroPol-5 electropolisher. The surface
of CN3MN specimens were polished under 30 V for 10 seconds within a acidic

solution of 5% perchloric acid and %95 ethanol.

For EBSD data collection, the surface of the sample must be tilted by 70° in order to
increase the signal to noise ratio. This can be achieved by either tilting the whole stage
or using a suitable holder with the required geometry. Data were collected with a

largest aperture under 20kV acceleration voltage. A background removal was applied
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to all data sets as shown in Figure 3.2. After background removal, the Kikuchi pattern
can be clearly seen. The point group symmetry of the investigated phases were
introduced to analyses software for crystallographic analyses.

TN

‘‘‘‘‘

Figure 3.3 Shows the raw EBSD data collected (a) before and (b) after the

background removal. Kikuchi lines are clearly seen after the correction.

3.4.5. TEM Analyses

The major effort on microstructural investigation was given to transmission electron
microscopy (TEM) analyses of the CN3MN specimens under different heat-treatment
conditions. Specimens for TEM have to be thin enough for electron-transparency. As
a rule of thumb, 100 and 10 nm thicknesses are required for conventional and high-
resolution TEM, respectively. In order to satisfy the thickness requirements, a
laborious specimen preparation work should be conducted. The TEM specimen
preparation routine followed in this study is summarized in the Figure 3.3.
Representative sections with 400-600 pum thicknesses were cut from the bulk samples.
They were further grinded to a thickness about 200 um (Step 1) and punched to obtain
3 mm-diameter standard TEM disks (Step 2). TEM disks were further thinned down
to 90 um (Step 3) by mechanical grinding. At this point, the samples became ready for
dimpling. Dimpling process was continued until an ultimate thickness of 10 um was
reached. Finally, the samples were exposed to final perforation (Step 5) by
electropolishing using 33% nitric acid and 67% methanol solution. lon milling has

been also tried as an alternative technique. All specimens were cleaned against
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hydrocarbon based contaminations using Fischione Model 1010 Plasma Cleaner
before being inserted in TEM.

<“»

Hole

Figure 3.4 Flowchart of TEM specimen preparation.

A detailed TEM analyses were conducted using JEOL JEM 2100F (200kV-FEG)
through a combined techniques of bright-field (BF) and dark-field imaging, selected
area electron diffraction (SAED), convergent beam electron diffraction (CBED), high-
angle annular dark-field (HAADF) and high-resolution electron microscopy
(HRTEM). EDS analyses were conducted using Oxford Instruments INCA X-sight
Model 6498 LN2 Cooled Detector and INCA Analyser Software adapted to TEM.
EDS mapping on TEM was performed in scanning transmission electron microscopy
mode. Examples for BF, DF, SADP and HRTEM images are shown in the Figure 3.5.
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Figure 3.5 Examples for (a) BF imaging (b) DF imaging (c) SADP and (d) HRTEM

imaging captured from the same region.

The in-situ TEM studies were conducted using JEOL 4000FX (300 kV-LaBs) at Ernst-
Ruska Electron Microscopy Center in Julich, Germany. Specimens were prepared with
exactly the same procedure applied for room temperature experiments. A GATAN
double tilt-heating specimen stage was used for in-situ experiments. Specimens were
heated from room temperature to predetermined critical temperatures (850-950 °C)
and isothermally hold to monitor the structural changes. Details of TEM experiments

are given in the “Results and Discussion” chapter.
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CHAPTER 4

RESULTS AND DISCUSSION

4.1 Stages of Embrittlement

The mechanical behavior of steels with different annealing times at 927°C were
examined by hardness and Charpy impact tests. The corresponding results are shown
in Figure 4.1. The axis on the left hand side shows the hardness in Rockwell B scale
and the one on the right hand side shows the impact toughness in terms Joules.
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Figure 4.1 Hardness (HRB) and impact toughness (J) with respect to annealing time.
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It is clear seen from the Figure that that the change in hardness value is almost kept
constant with respect to annealing time. The highest hardness was observed for sample
S2 with an average value of 82, whereas the lowest one was observed at S0.5 with an
average value of 78. The overall hardness remains the same at an average value of 80
HRB. This result is an implication that the austenite matrix does not exhibit a drastic
change or phase transformation throughout the annealing operations and stays as

austenite throughout the experiments.

The permanence in the hardness is not true for the impact toughness. Even after very
short annealing times such as 30 seconds or 1 minute, the impact toughness starts to
drop. After 16 minutes of annealing, the impact toughness value drops to less than half
of the as-homogenized state. The impact toughness for the specimen SO is about 420 J
whereas; it is only 180 J in specimen S16. The trend in the toughness drop is not the
same for all annealing times. According to failure analyses conducted under SEM, it
seems that there are three stages before the impact toughness drops to its lowest values.
In the first stage, the fracture seems to be perfectly ductile. Figure 4.2(a) and Figure
4.2(b) show the fractographs from the specimens SO and S0.5, respectively,
representing the first stage of the embrittlement. The fractographs exhibit all
characteristics of a ductile fracture. The fractured samples have cup-and-cone structure
and the angle with the horizontal axis is nearly 45°. Their surfaces are matt and dull
unlike the shiny surfaces commonly observed after the brittle fracture. SEM reveals
that fracture surfaces are full of dimples, which are characteristic features of the ductile

fracture.

WD |mag| HV | HFW | — 300 ym ———— HV | HFW
1.2 mm| 500 x| 20.0 kV | 597 ym 10.4 mm 0.0 kV | 995 ym

Figure 4.2 Fracture surfaces of (a) SO and (b) S0.5.
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Figure 4.3 Fracture surfaces of (a) S2 and (b) S4.

Figure 4.3(a) and Figure 4.3(b) show the fracture surfaces of the samples from S2 and
S4, respectively. These samples exhibit an intermediate state between ductile and
brittle behavior. Figure 4.3(a) shows regions of dimples and smooth areas which are
the characteristic features of ductile and brittle fracture, respectively. The encircled
area in Figure 4.3(a) shows the dimples and the arrow shows the fractured piece which
is entrapped inside a dimple. It should be noted that the remaining regions are smooth
and have brittle characteristics. The area shown by the dashed lines in Figure 4.3(b)
indicates a cleavage plane representing the brittle regions and the rest have ductile
features. The area covered by brittle regions is more than the ductile regions in the

second stage of embrittlement.

Figure 4.4 Fracture surfaces of (a) S8 and (b) S16.
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The third stage of the embrittlement exhibit almost fully brittle behavior. The Figure
4.4 (a), representing S8 condition, shows that features of brittle failure dominate the
overall fracture surface. Figure 4.4 (a) shows a single small ductile region trapped
between the brittle regions. Figure 4.4 (b) shows the specimen under S16 condition at
lower magnification (X130). This specimen exhibits only brittle fracture
characteristics. The fracture surface is smooth and bright and lacking of any cup-and-
cone structure. Most of the cracks exist along the grain boundaries inferring that the

cracks propagate in an intergranular manner.

To sum up the initial fractography results, it can be concluded that isothermal
annealing of CN3MN superaustenitic steel at 927 °C for relatively short duration (i.e.
16 minutes) results in sharp decrease in impact toughness while keeping the hardness
values the same. The underlying reasons for such a drastic change in impact toughness

will be analyzed in details in the following chapters.

4.2 Intergranular Embrittlement

4.2.1 Microstructures

As it was previously explained in the literature review part, the formation of
precipitates is almost inevitable in the superaustenitic stainless steels. The relatively
high annealing temperature used in this study may even promote the precipitation. On
the other hand, the annealing durations are shorter as compared to conventional heat-
treatment procedures. Therefore, whether or not short-term annealing at high
temperatures causes any grain boundary precipitation, heat-treated specimens was
examined using scanning electron microscopy. Specimens for grain boundary analysis
were polished and deeply etched in Marble’s reagent. Figure 4.5 (a) and (b) shows
specimen SO exhibiting a triple junction and a grain boundary. The grain boundaries
are clean and free of any precipitation. However, just after a very short annealing of
30 seconds, the precipitates started to form along the grain boundaries, as shown in
Figure 4.5 (c) and Figure 4.5 (d). These two figures were obtained from specimen S0.5.
It should be noted that after this short annealing, the precipitates are high in number,
but small in average size. The average size after 30 seconds annealing was found to be

on the order of 400 nm and number density was calculated as around 20 um™.
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Figure 4.5 Deeply etched specimens representing the (a), (b) SO and (c), (d) S0.5.

The representative microstructures from specimen S2 are shown in Figure 4.6(a) and
(b). The number of the precipitates is considerably increased to 36 um™ after two
minutes of annealing. The average size of the precipitates is still the same with S0.5
condition. Therefore, it can be concluded that precipitates with sluggish growth
kinetics tend to nucleate more along the grain boundaries. The precipitates in the
specimen S4 showed an abrupt coarsening of precipitates. The average size of the
precipitates after 4 minutes of annealing was found to be 0.99+0.15 um. The grain
coarsening decreases the average number density of intergranular precipitates to the
10 um™. A grain boundary network is started to form as it can be inferred from the
Figure 4.6 (c). Figure 4.6 (d) clearly reveals that the precipitates tend to form along
the grain boundary rather than settling within the grains.
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Figure 4.6 Deeply etched specimens representing the (a), (b) S2 and (c), (d) S4.

Grain boundary coverage by the precipitates increases in volume percent after 8 and
16 minutes of annealing. Figure 4.7 (a) and (b) shows the precipitates in S8 condition
at a lower and higher magnifications. It is clearly seen that grain boundary is almost
completely covered by precipitates. Therefore, any calculation about the size and
number density of the precipitates could not be conducted. Figure 4.7 (c) and (d) were
captured from S16 specimen. Although the grain boundary is fully covered by
precipitates after 16 minutes annealing, no intragranular precipitates were observed in
any of these specimens within the limitation of FEG-SEM. This is further proved by
the use of EBSD along a triple junction grain boundary. Figure 4.8 shows the SEM
images of 16 minute heat-treated specimen embedded with an EBSD pattern. EBSD
displays the junction point of three grains with three different crystallographic
orientations. The small size of these precipitates makes difficult to conduct a

crystallographic analyses using EBSD on the grain boundaries however, it is clearly
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revealed that the precipitates observed after isothermal heat-treatments are nucleated
and grown along the grain boundaries.

Figure 4.8 SEM image of S16 embedded with an EBSD map.
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4.2.2 Structural Analyses of Precipitates

According to the SEM and EBSD analyses, isothermal annealing of CN3MN at
927 °C for relatively short durations result in the formation of grain boundary
precipitation. As it was explained in literature review chapter, the impact toughness of
the certain steels is extremely sensitive to small amounts of precipitation. This shows
that impact toughness of highly alloyed steels, i.e. CN3MN, may be less dependent
upon total precipitation volume percentage than the nature of the precipitates.
Therefore, this grain boundary precipitation observed in relatively short heat-
treatments is well deserved to be investigated in details. Since the sizes of these
precipitates are too small to investigate them under SEM, further TEM studies were
conducted. The short term heat-treatments makes TEM analyses difficult, since
secondary phases were not observed in significant amounts in TEM foils. Another
complication was resulted because of the large grain size of the cast material. In that
case, it was difficult to find grain boundaries to examine. However, after much
searching nanoprecipitates were found along grain boundary regions as shown by the

bright-field (BF) images shown in Figure 4.9 for 16 minute heat-treated specimen.

(b)

Figure 4.9 (a) BF image representing the grain boundary precipitation observed in

S16. (b) Closer look to a single precipitate observed in (a). Insets show the SADP.

The Figure 4.9 (a) and (b) show the grain boundary precipitation under TEM. The size
and morphology of these precipitates are in good agreement with the SEM
observations. The selected area electron diffraction patterns (SADP) collected from
the austenite matrix along <011> zone axis and the precipitates are shown in upper
right and left insets of Figure 4.9 (a), respectively. A detailed analysis of electron

diffraction was performed from the precipitates. Electron diffraction studies suggest
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that one type of precipitate dominates the grain boundary precipitation after 16
minutes. The common secondary phases observed in austenitic stainless is given in
Table 2.4. The interplanar spacing and their angular relationship measured from grain
boundary precipitates could not be matched with any of the expected secondary phases
for stainless steels tabulated in Table 2.4. The list of measured interplanar spacing is
given in Table 4.1. It should be noted because of the small size and low volume
percentage, Bragg reflections could not be collected from these precipitates using X-
ray diffraction analysis. EDS results collected from the austenite grains and the
precipitate encircled in Figure 4.9 (b) are given in Table 4.2. Grain A and B represent
on this table the grains on the left and right hand side of the encircled precipitate. The
chemistry of the austenite grains are good agreement with ASTM standards. Likewise
the interplanar spacing, the chemistry of these precipitates could not be matched either

with any of the known precipitates.

Table 4.1 List of interplanar spacing calculated from SADP patterns at various zone axis

Interplanar Spacing (A)

6.6
5.7
2.6
2.3
2.1
1.6
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measurements collected from the regions shown in Figure 4.9(b).

Table 4.2 The composition defined by ASTM Standards and the results of the EDS

Area Si Cr Mn Ni Mo Fe
ASTM <1.0 20.0-22.0 <2.0 23.5-255 | 6.0-7.0 Balanced
6.7 £0.2
Grain A 1.0£0.1 | 20.8+0.2 | 1.1+£0.1 | 24.0+0.1 46.5+0.3
Grain B 1.0+£0.0 | 20.6+0.0 1.2+0.0 | 24.1+0.1 6.840.2 | 46.4+0.2
6.240.3 | 22.540.4 | 0.6+0.1 | 23.3+0.4 | 33.3+0.5 | 14.340.2
Precipitates

The composition of the precipitates is far more different than the austenite matrix. The
precipitates are highly enriched by Si, Cr and Mo, but deficient from the Fe and Mn.
This may indicate formation of a new structure within this particular steel. One
intriguing observation is that the diffraction data collected from precipitates have a
similar angular relationship with the fcc-austenite phase. For example, the angular
relationship between the SADP collected from precipitate in Figure 4.9 and the
neighboring austenite matrix is exactly same along <110> direction. The interplanar
spacing values, on the other hand, are quite different but still related to each other. The
interplanar spacing between 002 planes in austenite is approximately one third of the
distance over the same orientation in the precipitate. If a cubic structure is assumed for
the precipitate based on the angular relationship observed in electron diffraction, the
lattice parameter would become approximately 10.8 A. The same relationship is also
observed in high-resolution TEM (HRTEM) data.
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Figure 4.10 HRTEM image showing the interface between the austenite grain and the

precipitate in S16 specimen. The inset shows the FFT of the dashed region.

Figure 4.10 shows the HRTEM image collected from the austenite and precipitate
interface. Austenite crystal is oriented along <110>. The fast-Fourier transform
calculated from the dashed region shows bright spots matching with austenite phase
(circled in the inset) and several faint spots corresponding to the precipitate. These
bright reciprocal spots are shared by these two phases indicating a strong the epitaxial
relationship between the austenite and precipitate. If a cubic structure is assumed to be
correct, the crystallographic relationship between these grains become <001>austenite//
<001>precipitate- The relatively short reciprocal vectors reveal that the precipitate should
have larger lattice parameter. The lattice parameter calculated using FFT agrees well
with the SADP results. As previously mentioned in literature review chapter, the
intermetallic compounds o, i, and Laves dominate in terms of overall volume percent
of precipitation studies of the cast superaustenitic steel. On the other hand, the
precipitates formed in short-term annealing in this study do not match either of these
phases. Currently, detailed crystallographic information (i.e. Space Group) of these
precipitates is missing and further efforts are needed to solve this structure. The origin

of these precipitates is discussed in the following chapter.
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4.2.3 Origin of the Precipitates

The precipitation observed after short-term annealing process is more than expected.
Muller et.al studied the grain boundary precipitation in CN3MN grade steels and found
that after annealing 60 minutes at 900°C, the linear percentage of precipitation on the
grain boundaries is around 65% [39]. However, the samples studied on this study
exhibit a widespread precipitation along the grain boundaries even after 8 minutes.
The underlying reasons for the fast precipitation are investigated in different aspects.

2mm
METU-METE

Figure 4.11 Dendrite-like macrostructures from (a) SO and (b) S0.5.

When the CN3MN specimens were investigated at relatively low magnifications, a
dendrite-like macrostructure appear throughout the samples in a very homogeneous
manner as shown in Figure 4.11 (a) and (b). These are probably from the early
production steps during the casting operation. The reason why they called as dendrite-
like is that they differ from dendrites based on a very fundamental aspect. The
formation of dendrites is a crystallographic phenomenon. Dendrites prefer definite
crystallographic orientation for their growth. For example, Al dendrites, which is a
face-centered cubic material, grows only <100> direction, whereas body-centered
tetragonal Sn dendrites grow on <110> direction [54]. If these structures were
dendrites, they must have also grown on well-defined crystallographic orientations and
they would have been visible on EBSD analysis. The dendrite-like region shown in
Figure 4.12 (a) was exposed to the EBSD and the results were given in Figure 4.12
(b). According to the EBSD pattern, except the noise and dead pixels, the region
consist of only one crystallographic orientation, indicating no dendritic
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macrostructure. Therefore, the formation of these structures does originate from well-
oriented dendrites.
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Figure 4.12 (a) Dendrite-like macrostructure from S0.5 and (b) EBSD pattern of the

area defined by dashed lines in (a).

Another possibility of having contrast variation on etched specimens is the local
compositional heterogeneities. Since all the alloying elements, more or less, affect the
corrosion resistance, the etching process must occur at different rates in the areas with
different compositions. Being fast and sensitive at low magnification, EDS line
analysis is very useful tool to check the local compositional differences. Figure 4.13
(@) and (b) shows the EDS line scan analysis across the dendrite-like region.

The Figure 4.13(b) reveals that the specimen is not homogeneous in terms of chemical
composition. According to the line scan analysis, white contrast regions contain more
Fe and less Cr. But the real difference comes due to Mo content. If the very small
change in Cr is neglected, it is possible to claim that gray regions are Mo-rich and Fe-
deficient. The white regions are just the opposite in terms of Fe and Mo. The interesting
point is that segregation occurs in such a way that the change in the composition
between the white and gray areas are similar to the ones between the matrix and the
precipitates as can be seen in Table 4.2
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Figure 4.13 (a) The region selected for the EDS line Analysis from the specimen
S0.5 (b) Linear compositional change across the line shown in (a).
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The insufficient homogenization heat-treatment may cause chemical segregation in
superaustenitic stainless steel. Since Mo has much larger atomic radius than the other
alloying elements [1], its diffusion during the homogenization must be slower than the
other elements. The Mo rich regions constitute energetically favorable regions for Mo
rich precipitates to nucleate and grow. It should be noted that the precipitates reported
on the literature (Laves and o) and the one described in this study are rich in Mo.
Therefore, these inhomogeneties may facilitate the formation of Mo-rich precipitates
upon isothermal heat-treatments. The studies in the literature mainly include the very
long term anneals as cited in the literature review chapter [36-40]. In order to compare
the behavior of the precipitation in this study with the ones in the literature, a new
series of specimens were heat-treated with the annealing times starting from 1 to 16
hours. The resultant microstructures can be seen in the Figure 4.14. According to BSE
images, there are two kinds of precipitates; needle-like and brighter Laves phase and
square-like and dull sigma phase. The compositions coming from EDS measurements
are summarized in the Table 4.3. It should be noted that the Laves and sigma phases
are nucleated and grow not only at the grain boundaries but also within the austenite
grains. Similar studies stating that Mo distribution eases the formation of Laves and
sigma phase have been reported in the literature [38]. Figure 4.15 (a) and (b) shows a
statistical analysis indicating the percent area covered by the precipitates (both Laves
and sigma) and number of the precipitates for a given area. When these results are
compared with the ones in the literature, a remarkable difference is seen in terms of
the number density and percent area of the precipitates. For a comparison, Figure 2.14
(c) is taken for comparison as the composition and the annealing parameters are similar
with the ones used in this study. After 16 hours annealing, the percent area covered by
the precipitates is given as 1.8% for Figure 2.14 (c) whereas it is 8% in this study. The
number density calculated from Figure 2.14 (c) is 15000 mm3, whereas it is 71000
mm= in this study. The precipitation seems to be enhanced for CN3MN used in this
study. It is clear that the inhomogeneous distribution of Mo triggers the formation of
precipitates. These results are also in good agreement with the previous results. Both
the nucleation and the growth kinetics are much more enhanced by the reasons

mentioned above.
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Figure 4.14 BSE images from the specimens (a) S1h (b) S4h (c) S16h (d) S16h

showing the distribution of the precipitates.

Table 4.3 EDS measurements of precipitates.

Phases Si Mo Cr Mn Fe Ni

N Average | 3.30 | 34.82 15.04 0.82 32.05 13.97

<

0 . Std. Dev. | 0.24 3.02 0.69 0.14 1.56 1.06
Average | 6.21 | 36.31 19.15 0.64 15.22 22.48

w

: B

> Std. Dev. | 0.24 2.30 0.24 0.15 2.34 0.40
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Figure 4.15 (a) The change of percent area and precipitate size (um) with the annealing

time (b) Number of precipitates per 2500pum? with different annealing times.

4.3 Transgranular Embrittlement

So far, the abnormal embrittlement observed in short-term annealing of CN3MN was
correlated to intergranular fracture due to the network of precipitates forming along
the grain boundaries. The rapid precipitation is related to Mo-rich micro-segregation
regions which constitute energetically favorable regions for Mo-rich precipitates and
certain slip bands which act as nucleating sites for the precipitates. However, detailed
SEM fracture surface analyses revealed that in addition to intergranular, transgranular
fracture is also an active mechanism for short-term heat-treated CN3MN specimens.
An example for this can be seen in Figure 4.19. In Figure 4.16 (a) and (b), intergranular
crack propagates along the grain boundaries and the individual grains are shown. In
Figure 4.16 (c) and (d), on the other hand, cracks are parallel to each other and they
extend as step-like cleavage planes. In these cases, cracks preferred a definite
crystallographic orientation rather than grain boundaries. Since there was no grain

boundary failure involved in the fracture, the fracture type is pure transgranular.
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Figure 4.16 Intergranular cracks in (a) S8 (b) S16 and transgranular cracks in (c) S8
and (d) S16.

There are several reasons to expect transgranular fracture in addition to intergranular
one in CN3MN grade steel. First of all, CN3MN have relatively large grains so the
area covered by grain boundary is quite small as compared to the grains themselves.
As the grain sizes increase, the possible sites for precipitation will decrease. The small
network of precipitate (as compared to individual grains) will have minor effect
decreasing the impact toughness of the specimens. The grain size measurements from
the selected specimens are shown in Figure 4.17 and the values are tabulated in Table
4.4. Because of the large size of the grains, measurements were conducted using
optical microscopy. At a first glance, the standard deviation seems to be large with
respect to the average grain size. This is the due to the highly oriented grains formed
during the casting operation. The measurements were taken from both longitudinal and
transverse direction of the growth direction of the grains. It appears that there is no a
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direct relationship between the grain size and annealing time for short-term heat-
treatment. As it is seen from the micrographs, the grain sizes are very large as
compared to conventional steel grades. Such large grain size means restricted grain
boundary area on which the precipitates can grow. Therefore, it can be concluded that
this precipitation network cannot be the mere reason of the embrittlement after short-

term annealing of CN3MN superaustenitic stainless steel.

Figure 4.17 Optical microscope analyses for grain size measurement from (a) an
equiaxed grain in SO (b) an oriented grain in SO (c) an equiaxed grain in S4 (d) an

oriented grain in S16.

Table 4.4 Average grain sizes for selected specimens.

Specimen SO S4 S16
Average Grain Size (um) 1048 766 948
Standard Deviation (um) 518 324 304
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The Figure 4.18 shows the XRD patterns of the heat-treated specimens. Since the
specimen is in the bulk form having oriented grains, intensities are in strong influence
of preferred orientation. The lattice constant of the specimens calculated by XRD
analysis is approximately 3.61 A which is close to the one calculated using SADP. It
should be also noted that all the Bragg peaks belong to the austenite phase. There are
no peaks which belong to the precipitates or any other second phases even for S16
specimen. This seems to be relatively low to cause any embrittlement; transgranular

fracture should be cooperating with intergranular fracture.
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Figure 4.18 XRD patterns of SO and S16.

For transgranular embrittlement to occur cracks must propagate through the grains.
This can be achieved by the existence of crack propagation sites. In this study, two
different crack propagation sites were determined, namely, the white-band and the
stacking-faults. In the following sections details of transgranular embrittlement will be

discussed in details.

4.3.1 White-Bands

In specimen SO, some strange white contrast has been observed within the austenite
grains using BF imaging. To our best knowledge, such a structure in stainless steels

has not been reported in the literature. These structures will be called as “white-bands”
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throughout the text. Figure 4.19 (a) and (b) show examples of white-bands in SO
condition. The cracks already formed within these regions can be clearly seen from BF
images. Upon the stress applied during thin foil specimens, cracks initiated and
propagated through these white-bands. All the white bands on Figure 4.19 positioned
at the tip of the cracks. Another important point is the white bands are parallel to each
other. The orientation of these white bands can be estimated from SADPs. According
SADP analyses (Figure 4.19 (d)), white bands are found to align themselves towards

<110> direction.

Zone:<110>

Figure 4.19 (a) BF showing a crack and a white-band just next to each other (b), (c)
BF of the white-band at higher magnification, (d) SADP showing the orientation of
the white-bands.

The structure of these white-bands was further investigated under HRTEM. Figure
4.20 shows the lattice imaging of a crack being propagated through a white-band
region. When the morphology of the tip and edge of the crack are examined in more
details, the lattice seems to be broken and no long-range order can be observed. The
structure just near the crack, in other words, in the white band, is disordered. This is
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also verified by taking the FFTs of different areas from the HRTEM image. The
regions where the FFT patterns were collected can be seen on the Figure 4.20 and the
corresponding FFT patterns were illustrated as insets on the right hand side of the same
figure. The FFT pattern of the Region 1 is from just outer the white band. SADP
matches well with the austenite phase.
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Figure 4.20 HRTEM image at the tip of the crack in SO. The insets on the right hand
side represent the FFT patterns collected from the regions shown in HRTEM.

At region 2, the spots representing the austenite phase in FFT are fainted. FFT
representing region 3 is lack of any crystal reflections instead there is an amorphous
hump indicating a disordered structure around the crack. This is an intriguing
observation stating that crack propagates in a disordered matrix. There is possibility
that these regions might be resulted from TEM specimen preparation as
electropolishing can create disordered regions in the thinnest areas. However, in this
study disordered regions are only seen in white-bands. This shows that the disordered
structure might be related to some structural aspects rather than being a specimen
preparation anomaly. EDS analysis in TEM indicates Ca within the white-bands which
is missing in austenite matrix. The EDS analyses were collected from the alternating
layers of white-band shown in BF images in Figure 4.21. The EDS results are tabulated
in Table 4.5. For the vast majority of the steel grades, Ca is not used as alloying
element. Instead, they can be contaminated by addition of Ca-based fluxes during steel
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making processes. Alumina inclusions form as deoxidation products in the aluminum-
based deoxidation of steel. Alumina has a melting point of more that 2000 °C, hence,
these alumina inclusions do not melt and keep their solid phase during steelmaking.
The addition of calcium to steel decrease the melting point of these products to nearly
1300 K due to the formation of eutectics and congruently melting phases and it helps
the secondary liquid phases pass to the slag. [61]. Ca, in the oxide form, is a very
powerful glass forming compound. Moreover, CaO is one the most stable oxide
according to the Ellingham Diagrams. Although the dissolved oxygen in the steels is
on the order of ppm, this Ca can bound to these oxygen atoms and make CaO. This
phase can act as glass former and disrupt the atomic arrangement in very local regions
over 10-20 atomic distances and under very high localized stress (because of the

quenching).

S00 M

Figure 4.21 BF images showing the alternating layers of white-band and austenite

matrix. The EDS measurements were conducted from the labeled layers.
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Table 4.5 EDS measurements from the regions shown in Figure 4.24 (wt%).

Fe Cr Mo Si Ni Mn Ca

Region (a) | 45.55 | 19.31 7.53 0.37 24.93 1.21 1.10

Region (b) | 46.18 | 19.47 | 759 | 045 | 2521 | 1.10 0

Region (c) 4551 | 19.68 7.29 0.33 24.83 1.21 1.15

Region (d) | 46.58 | 19.49 | 7.36 0.39 | 25.26 0.92 0

Region (e) | 44.60 | 21.02 | 10.11 1.07 21.86 0.84 0.5

Region () | 42.60 | 22.04 | 17.26 | 021 | 16.03 | 1.86 0

Region (g) | 43.38 | 21.62 | 12.98 | 053 | 1928 | 141 | 0.79

Another interesting point is that these white-bands have been never observed at
specimens other than SO. It can be inferred that these structures disappear after heat-
treatments. To check whether this is true or not, in-situ heating was applied to the
specimen under TEM in order to see the change in real time. One of the set of samples
can be seen in Figure 4.22. In Figure 4.22 (a) a single white-band is shown by the
arrows in SO specimen. This specimen was kept at 927°C for 9 minutes. The white-
band gradually disappears as seen from Figure 4.22(b) to Figure 4.22(d), respectively.

This can be explained by the diffusion of Ca atoms and revealing the stress
concentration during the high temperature annealing processes. As previously
mentioned, these white-bands are only observed in SO condition. They do not cause an
abrupt decrease in toughness since SO has the highest impact energy according to
Charpy impact tests (Figure 4.1).
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Figure 4.22 BF images of disappearing white-bands during in-situ heating.

4.3.2 Stacking-Faults

Except from SO, all other conditions contain a certain type of zigzag cracks. As it is
illustrated in the montaged BF images in Figure 4.26, the cracks always propagate on
definite a crystallographic orientation which makes an angle of 60° to each other.
When the orientation of the cracks was analyzed with the SADP, it was found that the
cracks propagated along the <110> family of directions. This is the active slip direction
in fcc materials. Since those crack are absent in SO, it appears that the matrix structure
itself is being strained in some manner as to produce a more brittle structure after the
heat-treatment process. Therefore, it can be concluded that some mechanism must

hinder the dislocation motion and makes the structure brittle.
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Figure 4.23 Montages BF images of zigzag cracks observed in S0.5.

Similar crack propagation can be also seen in SEM images of TEM thin-foil
specimens. Figure 4.23 shows the SEM images corresponding to zigzag crack growth
in S0.5. While these cracks definitely resulted during TEM specimen preparation they

are only observed in brittle specimens around the defected regions within the grains.

The Figure 4.24 (a) and (c) represent the BF images of zigzag cracks and 4.24(b) and
(d) shows their secondary electron (SE) images of the same regions under SEM. It is
clear from Figure 4.24(b) that these two cracks are interconnected to each other.
Probably, upon a small stress the crack will propagate. These patterns are not localized
just near the cracks, but they are spread throughout the specimen as illustrated in the
Figure 4.25 (a) and (b). Those cracks are at least 5 microns far away from the electron
transparent region. Another important point is that zigzag directions make an angle of

60°, as similar with the cracks shown in Figure 4.23 and Figure 4.24.
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Figure 4.24 (a), (b) The zigzag cracks in S0.5 at lower magnification from TEM and
SEM, respectively. (c), (d) same zigzag cracks at higher magnification from TEM

and SEM, respectively.

Figure 4.25 (a) and (b) Zigzag patterns observed far from the very thin regions.
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At this point, it might be useful to mention the stacking sequences in FCC crystals.
Figure 4.26 shows the stacking sequences of fcc crystals in {111} planes in different
conditions. In the Figure 4.26 (a) reveals the perfect lattice with no defects, which
exhibits ABCABC stacking. The Figure 4.26(b) shows an intrinsic SF when one of the
atoms from the A layer is missing. As a result, a local BCBC stacking occurs. This
stacking sequence also belongs to the HCP structures. Figure 4.26(c) shows an
extrinsic SF which causes Shockley partial dislocation when the extra atom from the
C layer is introduced to the system. [43,44,51]

—
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—
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Perfect Stacking Intrinsic SF Extrinsic SF

Figure 4.26 Stacking sequences of, (a) perfect lattice and, (b) intrinsic stacking fault

and (c) extrinsic stacking fault [62].

Figure 4.27 (a) and (b) show BF and SADP of the region expected to be failed by
transgranular zigzag cracks, respectively. The composite SADP pattern revealed a
twin-like microstructure. The reflections of the austenite and twinned regions (circled
in figure) indicate a twin boundary across (111) planes. Figure 4.27 (c) and (d) show
these twin-like structures under HRTEM conditions. A detailed HRTEM analysis of
these zigzag twins revealed sub-nanometer wide stacking-fault like imperfection
within the matrix. The corresponding FFTs from the austenite matrix and twinned
regions match well with the SADP. The most intriguing observation is that the
relationship between these stacking-faults and the crack pattern observed in Figure
4.27. It seems that the transgranular fracture follows these stacking-faults observed
within the grains. This is also confirmed during our TEM specimen preparations such
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that TEM foils cracking of the foil is almost always associated with these defects.
Figure 4.27 (e) shows the stacking-faulted regions at a much higher magnification.
The dashed lines showed the lines where the stacking sequences were disrupted.
HRTEM image shows that the conventional ABCABC stacking sequence changes to
the ABCBCABC within the faulted region along the <111> direction. BCBC stacking
sequence is the same as the stacking sequence of HCP structure. These structures are
called as e-martensites [57]. The HCP structure is more brittle than the FCC because
of the very limited active slip systems at room temperature. Therefore, it is appropriate
to say that the majority of transgranular cracks are formed within the brittle hcp-sites
inside the tough fcc-austenite matrix.

If the dislocation movement in an alloy is somehow inhibited, the twinning could be
the active deformation system. Now the question becomes why twins would prefer to
exist within the matrix. In literature, it is known that twinned regions would form
whenever the overall staking-fault energy of the matrix is relatively low [1,49,52]. In
order to check whether or not this is true for CN3MN, the corresponding stacking-fault
energy was calculated with different techniques.

SFE is an important parameter in physical metallurgy which shapes the deformation
characteristics and the microstructure. When the stacking fault energy is low, the
probability of a material to exhibit cross-slip or climb becomes difficult. This is due to
high energy requirement of wider partial dislocations (i.e. low SFE) for cross-slip as
compared to the material with high SFE [43, 49, 64]. If the cross-slip is inhibited,

material can fracture in brittle manner.
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[011] (Matrix) Il [110] (Twin)

Figure 4.27 The faulted region in S0.5 investigated through (a) BF, (b) SAEDP, (c),
(d) and (¢) HRTEM imaging.
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If a partial dislocation dissociates into two or more partial dislocations, a stacking-
faulted region was formed between the partials. Therefore, for this structure to be
stable, the SFE of the material should be small. This investigation was conducted to
prove that the CN3MN steel has very low SFE.

Figure 4.28 BF image of S0.5 consisted of Shockley partial dislocations.

Figure 4.28 showed the typical microstructures evolved in specimen S0.5. It is clear
that many dislocations are split into partials. Although a detailed crystallographic
analysis should be conducted, the dissociation mechanism can be roughly determined
as Shockley partial dissociation due to measured direction vectors. These had no
significant effect into embrittlement because they were glissile dislocations and they

could move easily upon stress or deformation [44].

However, this is not the case for the condition shown in Figure 4.29. This was an
extreme case when the SFE reached to very low values. When the cross-slip is
suppressed, dislocations cannot glide towards different planes in the slip systems.
Since their movement is limited, they act as sessile dislocations and they made these

regions quite brittle. Figure 4.31 (a) and (b) is a nice example for that because
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dislocations position themselves at the tip of the crack and they would be preferential
crack propagating site upon applying a stress.

g=[011]

S

Figure 4.29 BF images of aligned dislocations from (a) S0.5 and (b) S8.

There are many approaches in order to determine the stacking-fault energies in
stainless steels. The first approach is based on the compositional parameters. SFE are
calculated using the amount of alloying elements. Various empirical formulas and
corresponding SFE values for CN3MN are listed in Table 4.6.

According to the Table 4.6, there is remarkable deviation between the results from
different studies. Indeed when the composition of CN3MN is substituted into
Pickering’s approximation, the SFE is found to be negative. One major reason for that
is these relationships are only valid for very narrow range of composition. The second
reason is that these formulas, except Dai, do not include the interactions between
different alloying elements. Finally these formulas do not consider local compositional

inhomogenities and strains which can cause deformation at those regions.
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Table 4.6 SFE (mJ/cm?) of CN3MN formulas based on chemistry.

Equations Results Ref
Schramn -53 + 6.2*%Ni + 0.7*%Cr + 3.2*%Mn + 9.3*%Mo 174 [48]
Rhodes 1.2 + 1.4*%Ni + 0.6*%Cr + 7.7*%Mn — 44.7*%Si 29 [49]
Brofman -25.7 + 2*%Ni + 410*%C + -0.9*%Cr -77*%N — 48 [31]

13*%Si -1.2*%Mn

Pickering -25.7+(2*%Ni)+(410*9C)-(0.9%Cr)-(77*%N)- -10 [50]
(13*%Si)-(1.2*Mn)

Dai =39+(1.59*%6Ni)-(1.34*Mn)+(0.06*%Mn?)- 156 [65]

(1.75*%Cr)+(0.01%%Cr%)+(15.12*96Mo0)-(5.59*%Si)-

(r'=39mIim?) | (50,69%((%C+1.2*%Ni)*(0.5)))+(26.27*(%C+1.2*%N

)*((%Cr+%Mn+%Mo)~(0.5)))+(0.61*(%Ni*(%Cr+%
Mn))"(0.5))

Another approach of calculating SFE is to use XRD patterns. The peak positions
stacking fault probability (SFP) need to be calculated for this approach. Silgado et.al
[66] offered Equation 4.1 and 4.2 where 20 is the Bragg reflections, in order to
calculate SFP. They concluded that the shifts between the diffracting planes from ideal

positions come from the stacking faults.

(26(200) - 26(111) )ew - (26(200) - 26111) )an = 475_[\2/5 * SFP * [(tan©oo)— tanO11y)]  (EQ.4.1)

SFE in superaustenitic stainless steel can be calculated as [66] ;

<e2>

Y =17800
SFP

& (Eq.4.2)

where SFP is the stacking fault probability, <¢?> is mean microstrain square. Since
XRD results from bulk specimens are used, there might have been errors due to the
strong preferred orientation. The preferred orientation has effects on the full width at
half maximum (FWHM) of the peaks and since the micro-strain term included the peak
breadths, it would make significant errors. Secondly, subtraction of instrumental
broadening from the original XRD pattern has prone to additional errors. Therefore, in
this study, TEM was used instead of XRD because the easiness of interplanar spacing

calculations. The parameters used in calculation are given in Table 4.7. After making
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the calculations, the SFE was found to be 29.5 mJ/m? in CN3MN steel. This is a quite
low value which facilitates the formation of twins and stacking-faults.

Table 4.7 Parameters used in the SFE calculations.

CW (S16) Anneal (S0)
d spacing (111) 1.923 A 1.916 A
d_spacing (200) 1.658 A 1.633 A
SFP 0.00805
"2 1.33E-05
SFE(wrt (111)) 29.5mJ/m?

Another technique for calculation of the SFE is direct measurements of radius of the
dislocation nodes. Figure 4.30 showed the geometry of a simple dislocation nodes.
Since the radius of the node determined the forces and interactions of the dislocations
with the matrix, the force balance must be dependent on this radius [67]

Figure 4.30 (a) The geometry of the dislocation nodes (b) Example of node diameter
calculation from S0.5 [65].

The calculations are based on many assumptions. First of all, the dislocation has to be
pure edge dislocation with no screw dislocation component. Secondly, all dislocations
exist on the same plane no cross-slip should exist. After these assumptions, when the
force balance between the dislocation and the matrix is achieved, the SFE can be

calculated as;

Gb?  4.55%x(2+9)*(1-9)
Y = *
8m/3 y

(Eq.4.3)
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where G is the shear modulus, b is the magnitude of the burgers vector, v is the
Poisson’s ratio and y is the radius of the dislocation nodes [65]. When the physical
properties listed on the Table 4.8 are substituted into the equation, the SFE is calculated
as 12.0 + 4.7 mJ/m? after calculating 5 different dislocation nodes. Although several
approximations are used, the result is consistent with the findings before. The SFE is
sufficiently low enough to suppress cross slip and promote twin formation in CN3MN

steel.

Table 4.8 Mechanical properties used in calculations of SFE [1,68].

Physical Properties
Elastic Modulus (E) 186 GPa
Shear Modulus (G) 69.9 GPa
Poissons Ratio (v) 0.33
b 2.04A

Another implication for low SFE can be inferred from Figure 4.31. It is a nice example
for the dislocation distribution of low SFE materials. The dislocations are distributed
homogeneously throughout the sample, unlike the subgrain formation which is
commonly observed in high SFE materials. This type of distribution promotes
dislocation-dislocation interactions and block their movements due to the many

entanglements of dislocations.

Figure 4.31 (a) and (b) show the dislocation distribution in S16.
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Another arrangement of dislocations observed in the CN3MN is illustrated in Figure
4.32. The dislocations are concentrated at some lines linearly, but not like the case in
subgrain formation. Murayama et.al [64] conducted a study on the comparison of
microstructures of Mo and N containing steels with exclusively Mo or N containing
steels using the Field lon Microscopy and Atom Probe Mass Spectroscopy Analyses
in order to explain these structures. They concluded that these structures were formed
by impingement of Mo-N clusters on the dislocations and they decrease the possibility
of cross slip phenomenon. When the Mo-N clusters interact with the dislocations
during DSA instead of interaction of only N atoms, the dislocation movement is strictly
inhibited. Figure 4.32(c) supports this idea because it caused crack formation just at
the tip of these regions like in the Figure 4.32(c) [64].

Figure 4.32 Dislocations observed in (a) S8 (b), (c) S16.
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CHAPTER 5

CONCLUSION & FUTURE RECOMMENDATIONS

5.1. Conclusions

In this study, the embrittlement observed in CN3MN grade superaustenic stainless
steel after very short annealing times was investigated in details by the use of advanced
electron microscopy techniques. The results show a significant drop in fracture
toughness of the specimens with increasing annealing time while hardness does not
show any significant change. Several mechanisms are proposed to explain this

abnormal behavior.

The first mechanism is based on an intergranular embrittlement due to a rapid grain
boundary precipitation. The formation of a network of precipitate on the grain
boundaries leads to sudden toughness decreases in this highly-alloyed steel. These
precipitates could not be matched with any of the known second phase structures (i.e.
Laves and Sigma) in stainless steels according to EDS and diffraction studies by TEM.
The kinetics of the conventional Laves and sigma precipitation was determined as very
sluggish in the literature. However, the kinetics of the newly discovered precipitation
investigated in this study is relatively rapid. The local Mo inhomogeneities and casting
defects are thought to promote precipitation creating an energetically favorable regions

and heterogeneous sites for nucleation and growth of precipitates, respectively.

On the other hand, when the fracture surfaces are examined in details under SEM,
there are explicit signs of another failure mechanism. Parallel cracks and cleavage
plans are pointing out the existence of transgranular fracture. This makes perfect sense,

as the volume ratio of the grain boundaries as compared to individual austenite grains,
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was founded to be very low in CN3MN. Moreover, the grain boundary precipitates
could not be detected with the resolution of XRD indicating that the overall volume
percent of these precipitates should be lower than 1 vol%. TEM analyses revealed
twin-like nanodefects formed within austenite matrix matching with the cleavage
planes observed in fractography studies under SEM. The cracks are found to propagate
along <110> family of direction, which is the active slip direction for FCC materials.
The HRTEM analysis indicated stacking-faults along these defects. The micro scale
step-like fracture surfaces are morphologically in good agreement with the defect
induced cracking observed within the crystal grains. The stacking sequence of FCC is
altered to HCP sequence within the faulted regions. The HCP structure has very limited
active slip systems as compared to FCC at room temperature. Therefore, the vast
majority of transgranular cracks are formed within the brittle HCP-sites resulting into
catastrophic transgranular fracture. The reason of having twinned regions is connected
to low stacking-fault energy of CN3MN alloy. SFE was measured to be 12-30 mJ/m?

using various TEM techniques.

5.2. Future Recommendations

The underlying reason of having transgranular fracture is connected to having twin-
like defects within the austenite matrix. However, the motive of having such defects
with respect to short-term annealing could not been clarified. Further computational

and experimental studies should be conducted to solve this enigmatic behavior.

The current study mainly includes an embrittlement problem resulted from a specific
heat-treatment procedure explained in the experimental procedure chapter. Further
optimization studies, based on annealing time and temperature in order to improve
mechanical properties, will be very useful. Such a study can also include Kinetic
software studies such as DICTRA (Diffusion Controlled Transformation) to predict
phase formation. It is well known that formation of second phases on the nanometer
scale can cause a decrease in the corrosion resistance of highly alloyed steels. In this
respect, analysis of the corrosion resistance with respect to applied heat treatments is

worth to be investigated.

The characterization techniques used in this study have no ability to detect carbon and
nitrogen. Although they are added intentionally at very low amounts, they can play a

key role both the precipitation events and decreasing stacking fault energy. In
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addition, it is not possible to check whether there is a composition change in the
crystallographic defects or not using conventional characterization techniques. For

these experiments, an atom probe tomography study would be very useful.

Besides the suggestions above, there are some observations which has not concluded
at this study yet. Inhomogeneous Mo distribution is not the only motive for promoting
a rapid precipitation in CN3MN steels. Except the S2 and S0.5 all other specimens
contain some defected regions, as seen in Figure 4.16. These regions are full of pores
and cracks aligned to one another. The interesting point is that as the annealing time
increases, these pores are filled up with precipitates. As seen from Figure 5.1(b), the
pores are free of any precipitates in SO condition. However, as shown in Figure 5.1(d)
and (f), the pores are filled by the precipitates after certain annealing. When these
structures are examined in more details, it is found that the pores and cracks always
make an angle of 109.5° to each other, which correspond to the angle between the
{111} family of planes in cubic structure. Such defects in literature are called slip
bands [43,44,56] and they are known to be the trigger of a stress-induced precipitation
[57]. The origin of the stress is most likely the two quenching operations applied
during the heat-treatments. Since the temperatures before quenching are really high,

they may induce thermal residual stresses to the specimens.

The determination of the actual composition of the precipitates within the pores using
EDS analysis in SEM is elusive and prone to being incorrect because of the indented
nature of the surface. The size of precipitates is extremely small and they are very close
to one another. Although EDS cannot be trustful in quantitative analysis of the
precipitates within the pores, it gives an idea in terms of compositional variations. An
EDS line analysis was conducted within the porous regions and the results are
illustrated in Figure 5.2. The variations in the composition between the matrix and
precipitates are in good agreement with the previous findings. The precipitates are Mo-

riche and Fe-deficient, whereas the matrix is the opposite.
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Figure 5.1 Precipitate-free from SO and precipitate-rich zones from S8 at slip bands.
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Figure 5.2 (a) Pore filled with precipitates and (b) corresponding EDS line analysis.

Therefore, having the slip bands within the austenite matrix is another factor
promoting the formation of precipitation. However, one important question remains;
how do these slip band form? Before answering this question, it might be useful to
explain the dynamic strain aging (DSA) commonly seen in austenitic stainless steels
[58-60]. When the ageing processes occur in alloys containing solute atoms, which can
rapidly and strongly segregate to dislocations and lock them during straining, the
phenomenon is called as dynamic strain ageing (DSA). In fact, aging can occur at all
temperatures, but the processes occur slowly near room temperature and more rapidly
at higher temperatures. The maximum effect of DSA can be observed when the solute
atoms diffused into the dislocation rich regions. Interstitial solid solution atoms
participate more in DSA due to their higher diffusivities. CN3MN contains C and N
as interstitial alloying elements which can play critical roles during DSA [58]. The
important characteristic of DSA is the formation of slip bands (also known as Liider
Bands) which decrease the toughness and the fatigue life of the steel [58,60]. Although
the formation of these bands promote the nucleation of precipitates and decrease the
toughness, it should be noted that they do not completely explain the extreme grain
boundary precipitation observed in this study since up to 16 minutes precipitates only
form along the grain boundaries. Further investigation can be useful to understand the

formations of these slip bands and the effects on the mechanical properties.
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APPENDIX A

Phase diagrams

53%Fe-25%Mi-22%Cr §3%Fe-25%Hi-22%C1

Fe MNi Ni Fe i MNi

§3%Fe-25%Mi-22%Cr 53%Fe-25%Hi-22%C

Fe® N Ni Fe N Ni

Figure A.1. Isothermal sections from Fe-Cr-Ni Systems [69].
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APPENDIX B

SEM Images

Si

Figure A.2. SE image of precipitations nucleated on the GBs and corresponding
elemental maps.
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